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1. Introduction

In the engineering application, there is a great need
for structural materials capable of withstanding both
severe cnvironments and high temperatures. AlLO,
and MgO ceramics are thus of considerable interest,
because of their desirable properties including high re-
fractoriness, excellent resistance for oxidation and cor-
rosion and good hardness. These oxide ceramics,
however, suffer from relatively low fracture tough-
ness and strength, significant strength degradation at
high temperatures and poor thermal shock fracture
resistance. Thus, many attempts have been made to
improve these problems of Al,O; and MgQ ceramics
by composite technology." Structural ceramic com-
posites can be divided into some categories as shown
in Table I: microcomposites and several types of
nanocomposites [12]. In the microcomposites, the
second phase micrometer-size dispersions such as par-
ticulate, platelets, whiskers and fibers are dispersed at
the grain boundaries of the matrix, while in the nano-
composites, the second phase nanometer size disper-
sions such as particulate and whisker are incorporated
within the matrix grains. -

The ZrO, dispersion is observed to improve re-
markably the fracture toughness and strength of AlO;
due to its stress-induced transformation.”” The signi-
ficant increases in both fracture toughness and
strength of Al,O; and MgO are also achieved by in-
corporating the SiC whiskers.”"” However, the ZrO,
reinforced composites show the strength degradation
at relatively low temperature, while, the SiC-whisker
reinforced composites are difficult to prepare the dense

materials, and displayed relatively lower fracture str-
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ength due to whisker, in itself, as fracture origin.
These composites could be classified as microcom-
posites, in which the micro-size dispersions are pre-
dominantly located at the grain boundaries of matrix
grains, and the improvement of above-mentioned
problems by making this type of composites is not
sufficient.

To overcome these problems at the same time, thus,
we have been studying the ceramic based nanocom-
posite is one of the particulate reinforced composites,
in which the nano-sized particulate is dispersed within
the matrix grains and/or at the grain boundarics. Re-
cently, various kinds of ceramic based nanocomposites
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composite systems have been
investigated. Of these nanocomposites, the oxide bas-
ed nanocomposites demonstrated significantly impro-
ved mechanical properties even at high tempera-
tures. 12,13,15-23)

In this review, The processing and mechanical pro-
perties of ALO;-SiC and MgQO-8iC nanocomposite
system devcloped by Niihara and his co-workers
have beecn systematically reviewed. At first, we in-
vestigate the basic processing route for AlO,-SiC
and MgO-SiC nanocomposite system, and the disper-
sion characteristics and its effects on the microstru-
cture of fine SiC particle dispersed nanocomposites
in various solvents without deflocculants were stu-
died for the dispersing process, the ball-milling pro-
cess, drying process, and the SiC distribution of sint-
ered nanocomposites, systematically. Secondly, the
room and high temperature mechanical property of
nanocomposites are discussed with microstructure.
The effect of the nano sized SiC particulate will be
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Table 1. Design concept of the structural ceramics

[Monolithic Materials]

Strength/toughness: control of grain size, shape, inclusion, pore, microcrack & their distribution
Delayed fracture ( high temperature strength, fatigue & creep):
{ covalent materials), design of grain boundary structure

r [Composite Technaology] ‘—v

[Toughness improvement] {Improvement of strength, refractoriness & relaiability]

{Microcomposite] [Nanocomposits]
(Particulate Strengthened) (Intragranular)
(Whisker Strengthened) (intergranular)
(Fiber Strengthed) {Intra/inter granular)
Intra-type Inter-type
lum Intravinter-type Nano-nano-type

Second phase
(Particulate,
Whisker, or
Fiber)

n
Wyl

Nano-sized
Second phase

identified not only in strength but also in other me-
chanical properties including fracture toughness, hard-
ness, creep resistance. As a strengthening and toug-
hening mechanism of ceramic nanocomposites, this
paper is focused on a particle bridging or particle pin-
ning mechanism where crack-face shielding arise by
the nano-sized particles bridging a propagating crack
behind the crack tip. Furthermore, the residual stresses
play an important role to strengthen and toughen the
oxide materials, then the effects of nano-sized disp-
ersion on residual stresses will be also discussed. Fi-
nally, the stress relaxation behavior such as generation
of dislocation, dislocation network, and sub-grain
boundaries for these nanocomposite systems are inves-
tigated by combination of yield stress and residual stress.
Special emphasis is placed on the understanding of
nanometer-scale microstructure for improving the me-
chanical properties for these composites prepared by

the conventional powder metallurgical technique.
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2. Fabrication Processing

Several researcher’ > ~** have been developed the
processing to seek a homogeneous dispersion of the
SiC nano-reinforcement in oxide matrices for conven-
tional processing which contained the ball-milling
without dcflocculants, drying, and densification pro-
cess. There are no reports, however, to understand the
dispersibility of SiC particles as well as oxide mater-
ials and its effect to microstructure in sintered matenals.

Basic conventional processing route for nanocom-
posite system can be divided into (a) selection of raw
powder particles and their dispersion stability, (b) ball-
milling process, (c) drying process, and (d) densifica-

tion process, in various solvents without deflocculants.

2.1. Dispersion Test
The following starting raw materials have been

used: The highly pure y-AlL,O; powder from Asahi
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Chemical Co. with an average particle size of <0.4
pm and SiC powders with an average particle size of
70 nm from Ibiden Co. For MgO-SiC composite mix-
ture, the MgO powder from Ube Industry Lid. with
an average particle size of «<0.1 um and the SiC
powder with an average particle size of 100 nm par-
ticulate from Mitsui Touatsu Co., were used, respec-
tively. Dispersion properties in the several pure sol-
vents without deflocculants were investigated by sed-
imentation test. The. results of sedimentation tests"”
show significant differences in dispersibility between
alcohol and non-alcohol, for MgO and SiC powder.
In case of powders dispersed in cthanol, n-butanol
and n-hexanol, “very good” dispersion was observed
for MgO, SiC, and their mixed powders, being used
alcohol solvent. These results are almost coincide
with pure SiC dispersibility data reported by Oku-
yama et al.’ except that the better dispersibility was
observed in SiC powder for using ethanol and n-bu-
tanol compared with that of n-hexanol. These trends

of dispersibility also were observed in ALO; and Al O,
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-8iC mixed powders.

The powders rapidly sedimentated within a few
hours when dispersed in n-hexanc (non-polar solvent).
Generally, both oxide powder and powder with oxide
surface layer have hydrophile property, and these
powders have no relation with hydrophobic n-hexane,
which induce only the Van-der Waals force to
enhance the sedimentation.

When the powders dispersed in acetone and al-
cohols (polar-solvent), hydrogen bonding and steric
hindrance could be occurred between the surface of
oxide layer and polar-solvents as reported by Kal-
iszewski and Heuer.” They proposed that the deag-
glomerate mechanism in ethanol are caused by the in-
teraction of ethanol with hydrous ZrQ, powders and
steric hindrance as repulsion force. This mechanism
can also be applied to dispersion in acetone. In case
of the dispersion in acetone, however, rapid sed-
imentation of dispersed powders was observed, and
other authors also reported the same results.”” There-

fore, dispersion property in various solvents can not
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explained by only relationship between the hydrogen
bond and the steric hindrance.

Both the acetone and the alcohol solvent are form-
ed the hydrogen bond with oxide layer of powder,
however, a different hydrogen bond formation pro-
cess are considered between the acetone and the al-
cohol. For dispersion in acetone, the hydrogen bond
was formed between the oxygen of carbonyl group
and hydrogen of hydroxyl group on powder surface,
and excess acetone cannot form hydrogen bonds
between carbonyl groups on the surface and link par-
ticles together, as shown in Fig. 1(c) (commonly,
enol- and keto-structure exist tcgether in acetone, but
mainly keto-structure without hydroxyl group is
stable.”? Then, only monolayer hydrogen bonding
around the particles cannot excess the Van der Waals
force as attraction force, and the sedimentation could
be occurred, as shown in Table IL

On the other hand, powders dispersed in alcohol
behave differently, as shown in Fig. 1(b). Excess al-
cohol hydrogen bonds to the terminal alkyl groups of
the particles, and the chain of alcohol around the par-
ticles was formed. Then the agglomerated particles
are not formed and good dispersibility could be ob-
served in alcohol, as shown in Table II. Furthermore,
because of steric effects, the terminal alkyl groups of
the chain of alcohol around the particles also act to
prevent close approach of individual particles, while
the severe hydrogen bonding of water to among the
hydroxyl groups due to high dielectric constant oc-

curs in dispersion at water which induced the for-

mation of agglomerates as shown in Fig. 1(a). The
steric effect could be the more effective with the high-
er carbon number in alcohol, then better dispersibility
of particles dispersed in n-hexanol was expected com-
pared with that of ethanol and n-butanol. However,
the better dispersibility was observed in SiC powder
for using ethanol and n-butanol compared with that
of n-hexanol as shown in Table IL

The dielectric constant (€) of the solvents affects to
dispersibility because the surface of ceramic powders
such as MgO and SiC powder has high polarity,m
and when the ceramic powder have a polarity, the
powders are stable in polar solvent which means the
higher dielectric constant. Comparison of dispersibi-
lity with dielectric constant (€) of the solvents was
performed, to sce whether high-g solvents favored
stable suspensions, and whether low-g solvents tend-
ed to give risc to flocculation analogous to the work
of Mitzuta et al.”™ on silicon powder. No correlation
seems to be found for MgO, SiC, and SiC added
MgO powders, as shown in Table II; e.g., water and
acetone showed poor dispersion characteristics in
spite of its higher-& than that of alcohols. However,
as mentioned before, the excess water formed the
“strong” hydrogen bond due to higher-g, and the floc-
culation were formed. On the other hand, even if the
excess acetone cannot form the hydrogen bond
between carbonyl groups on the surface and link par-
ticles together in acetone, the flocculation were form-
ed, and it is attributed to Van der Waals attraction

force. Among alcohol solvents, the excess alcohol

Table II. Physical properties of solvents and results of dispersion tests

Solvents Dielectrict  Surface  Viscosity D.T. 1 DT. 2 DT. 1 DT. 2 DT 2 D.T. 2

Constant  Tension (mPa-s) MgO MgO SicC SicC MgO/SiC 5 MgQ/SiC

(mN-m") Vol% 20 Vol%
‘Water 78.5 72.75 1.002 P F P Pc F F
Acetone 20.7 251 0.322 P F P Pb F F
n-hexane 1.89 18.4 0313 P F P Pa F F
Ethanol 24.3 224 1.20 VG Gb VGa G G G
n-butanol 17.30 254 2.948 VG Ge VGb G G G
n-hexanol 13.2 26.2 - VG Ga G G G G

D.T. 1; Dispersion Test, for 0.2 g/20 ml, D.T. 2; Dispersion Test, for 5 g/20 ml, $; Sedimentation, F; Flocculated, V.
G.; Very Good, G; Good, P; Poor, a<becad<e>f. Sebsequently good dispersibility.
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Processing and Mechanical Behavior of Oxide Based Nanocomposites 155

could form the “weak’ hydrogen bond compared
with water due to lower-g, and also the steric hin-
drance acted to deflocculation and deagglomeration.
Therefore, it can be proposed that the dispersibility in
various solvents would be estimated by thee combina-
tion of the formation of hydrogen bonding, dielectric
constant, and steric effects, and the optimum condi-
tion for dispersibility‘ could be obtained at ethanol

and n-butanol.

2.2. Wet milling and brying Process

Fig. 1 shows the schematics of the interaction bet-
ween the oxide layer around bmticles and varous sol-
vents not only during the dispersion test but also dur-
ing wet milling, and .drying process. During dispersion
test, hydrogen bonding and steric hindrance could be
occurred between the surface of oxide layer and polar-
solvents as mentioned before. However, any mechano-
chemical reaction was not promoted even for particles
dispersed in alcohols, as shown in Fig. 1(b).

It is considered that hydroxyl groups on the sur-
face of particles would be mechano-chemically react-
ed only with the terminal hydroxyl groups of alcohol,
and this reaction was with dehydration during the
ball milling. The mechano-chemical reaction with the
dehydration was obscrved by several researchers’ ™
during the ball milling in alcohol solvents. They re-
ported that the amount of dehydrated water was in-
creased with ball milling time, and mechano-chem-
ical reaction was also observed. For this reaction of
alcohol-oxide layers, it could be investigated by TG/
DTA analysis.”>” Fig. 2(a) and (b) show the TG/
DTA results for MgO powder and SiC powder after
milled in n-butanol and n-hexane for 24 h and dried
at 200C. The exothermic peak is observed in the
DTA patterns for the MgO powder milled in n-bu-
tanol. In Fig. 2(b), exothermic reaction was also ob-
served for the SiC powder milled in n-butanol. No-
tice that the exothermic peaks are at ~280C and
330C for MgO powder and at 330C and 470°C for
$iC powders, respectively. Clearly these are chemical

reactions, since they closely correlate with the rate of
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Fig. 2, TG/DTA patterns for (a) MgO and (b) SiC
powders ball-milled in I) as-received powder, II) n-bu-
tanol, and III) n-hexane.

weight loss determined by TG. This chemical reac-
tion, however, was not observed in powders milled
in acctone, in spite of polar-solvent. MgQ and SiC
powders milled in n-hexane for 24 h, also exhibited a
quite different DTA patterns which compared with
those milled in n-butanol, and the exothermic reac-
tions do not appear in the powder. milled in n-hexane
as well as those in as-received powders. It is ap-
parent that the reactions involve oxidation of alcohol
and dehydration which occurs during ball-milling for
using the alcohol solvents, and this exothermic reac-
tions also investigated in ALO; powder.”™*®

An agglomeration process during the drying was

well explained by Kaliszewski and Heuer™ for hy-

Vol. 3, No. 4, 1997
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drous ZrO, powders dispersed in water and ethanol.
Fig. 1 suggests how dispersing in water, n-hexane, a-
cetone or alcohol leads to hard and soft agglomerates,
respectively. As described in the Lee and Rcadcy,m)
excess water-hydrogen bonds to the terminal hydro-
xyl groups of the hydrous suspension. In cases where
powder particles are in close contact, particle bridg-
ing by hydrogen bonding of water to two terminal hy-
droxyl groups occurs. As drying of the powders com-
mences, these “bridging’ water molecules are lost,
but the particles are close enough that hydrogen bond-
ing occurs between terminal hydroxyl groups of the
different particles. Because of the close proximity of
the hydrogen-bonded hydroxyl groups, further dehy-
dration leads to the formation of actual chemical
bonds preferentially between powder particles, yield-
ing hard agglomerates. This hard agglomerate indu-
ced to form the inhomogeneous microstructure after

sintering for ALO; as well as MgO powder, as shown

Fig. 3. SEM micrographs of the fracture surface of ALO»

milled in (a) acetone and (b) n-butanol.
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in Fig. 3.

During drying process, the similar agglomerate me-
chanism are considered for powder particles disp-
ersed in n-hexane and acetone, in spite thaf the disp-
ersion properties are different among water, n-hexane
and acetone in the before drying.

The dispersed powders in n-butanol behave dif-
ferently, as shown in Fig. 1(b). Excess butanol can
form hydrogen bonds between butoxy groups on the
surface and links particles together. On continued sol-
vent removal, hydrogen bonding cannot occur between
the terminal butoxy groups of different particles. Be-
cause of steric effects, the butoxy groups also act to
prevent close approach of individual particles. As the

drying temperature is increased, removal of the ter-

-minal butoxy groups involves a reaction similar to

that involved in catalyzed butylene production. Here,
two butoxy groups react to form dibuty ether, which
rapidly decomposes into two butylene molecules and
water."” Since close approach of particles is inhibited
(relative to those of other solvents), removal of the
butoxy proups occurs preferentially between neigh-
boring groups on the same powder particles. Thus, it
does not result in chemical bond formation between
particles, as in those of other solvents, and formation
of hard agglomerates is avoided. Similar beneficial
results have been obtained in powders washed with
ethanol and 2-propanol.™ (Removal of ethoxy and
1sopropoxy groups results in the formation of diethyl
ether and propylene, respretively.) Clearly, purely
steric effects must be secondary to the control of ag-
glomerate strength in the drying process, while the
steric cffect affects to dispersibility in dispersion test
compared with that in drying process.

Based on the results in this study, the optimum
condition of the dispersibility of SiC powders as well
as MgO powders is reached by ethanol and n-butanol
considering the balance between the steric effects and
the dielectric constant of alcohol as well as mechano-
chemical reaction.

From the SEM observation for thermal etched sur-
face of 5 vol% SIiC added MgO based sintered bo-
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? it is con-

dies milled in n-butanol and n-hexane,™
sidered that SiC particles milled in n-butanol are finer
and better distributed than those milled in n-hexane.
These results are clearly coincided with particle size
distribution measurement data,"” and well dispersion
as well as deagglomeration states obtained at sintered
body milled in n n-butanol. Therefore, when AlLO;-
5iC and MgO-SiC compositc powders were ball-mill-
ed in ethanol or n-butanol, the homogeneous SiC dis-

tribution would be obtained.

2.3. Sinterability

The densities of composites prepared by conven-
tional processing were strongly dependent on the
volume fraction of particulate dispersions and hot-
pressing temperature. For the ALQO;-8iC system, the
nearly full densitics were achicved at 1,600 up to 5
vol% SiC, 1,700 for 10 vol% and at 1,8007C for 20
and 30 vol%. For the MgQ-5iC composite, on the
other hand, the densities of over 99% were observed
for the hot-pressed materials at 1,700 to 1,900 de-
pending on the volume fraction of SiC particles.

X-ray diffraction analyses revealed that the AlO;
and MgO-SiC composites were composed of only o-
Al,O; and B-SiC and of only MgO and SiC, respec-
tively, and were free from other impurity phases. The
average grain sizes of AlL,O; and MgO matrices wcre
approximately 2 to 3 um for the both composites pre-
pared under the conditions above-mentioned.

As shown in Fig. 4, TEM observations indicated

Fig 4. TEM picture of the ALO,-SiC nanocomposite.

Fig. 5. High resolution TEM picture of the ALO:-SiC
nanocomposite.

that most of finer SiC particles, typically less that 0.2
um, were predominantly dispersed within the ALO,
grains and some larger particles at the grain boun-
daries. Similar observations on the second phase disp-
ersion were also made for the MgQO-5iC composites.
High-resolution TEM observation revealed a notable
fact that all the SiC particles within the Al0, grain
were irregularly shaped. Fig. 5 show a typical high
resolution TEM picture of the SiC particles within
the Al.O; grain. As is cvident from Fig. 5, there was
no obvious impurity phase at the interfaces. The in-
terfacial particles also strongly bond the matrix/ma-
trix interfaces in an ALQ;-SiC nanocomposite. This
has been revealed by Ohji et al* through estimation
of cquilibrium thickness of intergranular glassy film
by force balance as well as direct observations using
a HR-TEM in the previous study. This obscrvation

was also true for the MgO-S$iC composites.™

3. Mechanical Properties

3.1. Fracture Strength and Toughness

The hardness, strength, and toughness tests of the
AlLQ;-8iC composites wcre made on the materials
hot-pressed at 1,6007, 1,700 and 1,800°C for 5, 10,
and 20 to 30 vol% SiC, respectively, which showed

Val. 3, No. 4, 1997
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Fig. 6. The variation of fracture strength and tough-
ness of the ALO»-SiC nanocomposites with the volume
fraction of SiC.

the nearly theoretical densities (over 99%) and were
free from other impurity phases. For the MgO-S8iC
composites, the mechanical tests were performed for
the materials hot pressed at 1900°7C.

The variation of fracture strength and toughness of
the Al,O5-SiC nanocomposites with the volume frac-
tion of SiC is shown in Fig. 6. The strength increases
tremendously from 355 to 1017 MPa with only 5
vol%SiC, and remains slightly-decreased strength 870
MPa up to 30 vol%SiC. The fracture toughness shows
a similar trend in which the K- values increases
from 3.3 to 4.7 MPam'" with 5 vol%SiC and keeps
the constant value 4.4 MPam'” up to 30 vol%SiC. The
fracture strength of MgO was also improved from 330
to 700 MPa by incorporating 5 vol%SiC particles with-
in the MgO grains, while the fracture toughness was
increased from 1.7 to 2.3 MPam' with 5 vol%SiC.
The higher toughness and strength approximately 5
MPam'” and 750 MPa, were also observed for the
Mg0-30 vol%SiC composite, as shown in Fig. 7.
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Fig. 7. The variation of fracture strength and tough-
ness of the MgO-SiC nanocomposites with the volume
fraction of SiC.

The fracture surface observation by SEM revealed

-that the second phase dispersions within the matrix

grains changed the fracture mode from the inter-
granular to transgranular fracture. It may be thought
that the change of fracture mode is caused by the ten-
sile hoop stress of over 1,000 MPa around the in-
clusions within the matrix which is generated from
the large thermal expansion mismatches. The high
tensile stress will not produce the microcracks be-
cause the dispersed particle sizes are much smaller
than the critical particle sizes for microcracking.**"
Thus, these composites may be toughened primarily
by the crack bridging, although the possibility of
stress induced microcrack toughening can not be com-
pletely ruled out, in special, for the MgO-SiC nano-
composite. The detail mechanisms will be discussed
in Section 4.

The critical flaw sizes estimated from standard frac-
ture mechanics relationship” using the above-men-
tioned data are about 9 um for the monolithic MgO,
which are almost equal to that for the 10 vol%SiC
composite (10 um). The strength increase at room
temperature of MgO-8iC composites, therefore, will
be attributed to the improved toughness by the SiC par-
ticles dispersed within the matrix grains. However, the
notable strength improvement observed for the AlLO;-

SiC composites (Fig. 6) can not be explained from
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Fig. 8. Sub-grain boundaries observed within the ALQO;
grains in the AL;Os-SiC nanocomposite.

only toughness increase. In the composite with 5
vol%SiC, the critical flaw size was decreased appro-
ximately from 23 to 6 pm. This remarkable decrease
in critical flaw size is probably due to the refinement
of matrix grains and/or the compressive stress (over 1,
500 MPa) around the SiC particles which prohibits

the grain boundary fracture of the matrix during cool-

ing from the fabrication tcmperatures.s"'-*)

Fig. 8 shows the sub-grain boundaries observed in
the Al,O;-5iC nanocomposites. These sub-grain boun-
daries were found to form due to intragranular hard
SiC particles and pile-up of dislocations, These were
generated in the ALO; matrix during cooling down
from sintering temperatures by the highly-localized th-
ermal stresses within and/or around SiC particles
caused from the thermal expansion mismatch bet-
ween Al0O; and SiC. Therefore, it may be concluded
that the observed refinement of matrix Al,O; grains
by the SiC dispersions is associated with this sub-
grain boundary formation in the Al,O; matrix grains.
This mechanism will be discussed, in detail, in Sec-
tion 5, and is considered to be partly true for the

MgO-8iC nanocomposites.

3.2. High temperature Mechanical Properties
Fig. 9 gives the temperature dependence of Vick-

100
O Monolithic
@ 5 vol%SicC
(717 volgssic
~. 10
&
< |
- =
@ =
= 1F
- -
o | ..
= -
- (o)
i ! 1 11

0 500 1000 1500

Temperature (°C)

Fig. 9. Temperature dependence of Vickers hardness
for the ALQ,-8iC nanocomposites.

ers hardness for the Al,O,-SiC nanocomposites. These
composites exhibit higher hardness at all test temper-
ature ranges and lesscr degradation in hardness than
that of monolithic Al,O,. Similar improvement of hot-
hardness was observed for the MgO-SiC nanocom-
posites. Theses observed improvement of hardness de-
gradation at the high temperatures suggests that the
nano-size SiC particulate dispersed within AlL,O; and
MgQO grains prohibit the high temperature deforma-
tion and crecp by the dislocation pinning with hard
SiC particles.

Fig. 10 indicates the temperature dependence of
the fracture strength for Al,O5-SiC and MgO-SiC com-
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Fig. 10. Temperature dependence of the fracture stren-
gth for the ALO;-SiC and MgO-8iC nanocomposites.
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posites, respectively. The monolithic Al,O; begins to
exhibit significant reduction in strength above 1,000C,
whereas the Al 05-5 vol%SiC composite keeps Its
high strength up to 1,0007TC. As is evident in Fig. 10,
more notable improvement in high temperature stren-
gth is observed for the MgO-8iC nanocomposites. At
the temperature range from 800 to 1,3007C, the MgO-
8iC composites exhibit the considerably higher stren-
gth that that at room temperature.

It is well known that the grain boundary sliding
and/or cavitation are responsible for the high tem-
perature strength degradation of the oxide ceramics.
As above-mentioned, however, the dispersion of
nano sized SiC within the matrix grains promote the
transgranular fracture rather than intergravular. This
phenomenon were also observed at the temperatures
above 1,0007C. Thus, it may be concluded that the
observed increase in strength at high temperatures is
mainly due to the prohibition of the grain boundary
sliding or cavitation by the dispersions within the ma-
trix grains. In fact, the creep resistance is remarkably
increased by inhibition of grain boundary sliding and
cavitaion in Al,0;-8iC nanocompositcs.43) Another
possible mechanism for the increased high temperature
strength is the creep prohibition by the dislocation
pinning with the fine dispersions within the matrix.
This mechanism will be suggested by the fact that
the MgO-SiC nanocomposites was significantly im-
proved by inhibition of dislocation movement as well

as grain boundary sliding.*”

4. Strengthening and Toughening
Mechanisms

4.1. Particle Bridging Toughening

The marked increase in strength for the Al,O;-SiC
nanocomposite may be simply interpreted by the disp-
ersed SiC nano-sized particles limiting the size of in-
itial flaw. The dispersion of SiC particles into Al,O,
matrix, however, causes internal thermal tension in
the matrix, and the fracture toughness should be low-
er than that of the monolith. This is inconsistent with
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the observed results; the toughness of AlLOs-SiC
nanocomposite increased although the degree was
modest. Thus, a certain toughening mechanism should
operate in this composite. Ohji et al.*” provided an
evidence that the SiC nano-sized particles can bridge
the crack in the vicinity behind the tip rather than de-
flection or bowing as a toughening mechanism in the
Al,05-5iC nanocomposites. On the basis of these ob-
servations, we here intend to estimate the toughness
increase by the particle bridging, using a crack face
shielding concept model ***”
In this section we combine the toughness increase
induced by the particle bridging and the toughness
reduction caused by the residual thermal tension, to
describe the particle volume fraction and size depend-
encies of the net fracture toughness. Fig. 11 shows
the volume fraction dependencies of the bridging in-
duced toughness increase, the residual tension induced
toughness reduction, and the combined net toughness.
The particle diameter is fixed at 50 nm. Aa, AT, E,,
E,, V,,, and v, are taken as 3.8x 107/, 1,400C, 380
GPa, 690 GPa, 0.25 and 0.23, respectively. With in-

4 -
g
E Particle Bridging
=
= -
¥
:
E] 2t Net Toughness
2
§
&
Kﬂ
h Residual Tension
_2 1 1 1 L 1
0 02 0.4
Volume Fraction

Fig. 11. Volume fraction dependencies of the bridging-
induced toughness increase, the residual-tension-indu-
ced toughness reduction, and the combined net tough-
ness, The particle diameter is 50 nm.
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creasing the volume fraction, the both effects of the
particle bridging and residual tension increase; howev-
er, the bridging-induced toughness increase in the
range below 10 vol%, is stecper than that in the re-
maining range. This is explicitly due to the effects of
crack propagation through the nearest neighbor par-
ticles. On the other hand, the toughness decrease by
the residual tension is monotonous over the total
range. Consequently the net toughness rises about 2
MPam'* at 10 vol%, showing moderate increasc in
the remaining range for both cases. Fig. 12 shows the
particle diareter dependencies of the two effects and
the net toughness. The volume fraction is fixed at 5%.
With increases in d, the toughness increases quite
steeply below 100 nm, and moderately above that
value. The toughness reduction caused by residual ten-
sion is again monotonous. The net toughness shows
the almost plateau level at diameters above 100 nm.
The results of the present analyses qualitatively
agree with the experimental results reported by Ni-

. 16-19, 50
thara et al. )

in general. For example, it has been
shown that the toughening arises by dispersing a

very small volume fraction, like 5 vol%, of the par-

4
g
: [
-
By
= - -
o Particle Bridging
g
g
= 2r
g Net Toughness
<
g
~
KIII
o Residual Tension
=2 — L 1 ) 1
0 200 400

Diameter, nm

Fig. 12. Particle diameter dependencies of the bridging-
induced toughness increase, the residual-tension-indu-
ced toughness reduction, and the combined net tough-
ness, The volume fraction is 0.05,

ticles. The addition of nano-sized particles also has
proved to be sufficiently effective for toughening.
The model, however, predicts toughness increase of 2
MPam'” at fp=5 vol% and d=50 nm, which is higher
than any reported toughness-increases for Al,05-SiC
nanocomposite with similar volume fraction and par-
ticle size.'™ That discrepancy exists partly because
the present models assumed ideal cases. For example,
all the doped particles were presumed to participate
in crack bridging, which is not true particularly at the
large volume fractions. The extremely high increases
in fracture toughness at the large volume fractions, es-

timated in Fig. 11, therefore are not realistic.

4.2, R- Curve Behaviors and Strength

The toughness increases of the Al,0;-SiC nano-
composite are not remarkable as experimentally re-
ported in other studies and analytically shown here.
The benefit of thc nanocomposite, however, lies in
the steep rise of the fracture resistance in a very
small crack extension,'” Since the particle bridging
can operate within a matrix grain, the fracture tough-
ness can be raised very steeply to a plateau level in a
small crack extension. The crack extension distance
required to attain the plateau toughness is equivalent
to I s which is a few hundred nano-meters.

Particle bridging does not operate in the case of a
pre-cxisting flaw. Before the crack tip mects the par-
ticle to bridge it, the toughness is reduced by the ma-
trix residual tension. When fp=5 vol% and d=100 nm,
the toughness reduction is 0.3 MPam'”, and the
toughness at this point becomes 2.7 MPam'” assu-
ming Km=3 MPam'", (Note that this toughness value
is in the case of the average matrix tension. A crack
meeting particles should receive the residual tension
at the interfaces, which is much higher than the mean
value, leading to a lower toughness. Furthermore, in-
tra-grain residual traction caused by crystallographic
anisotropy, 100 MPa, is neglected.) On the other
hand, the plateau toughness is about 5 MPam'”. The
105

MPam'” in the a few hundred nano-meter crack ex-

fracture resistance rises from about 2.7 MPam
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tensions.

. 515
Bennison and Lawn’"™

proposed an analytical ap-
proach to describe R-curve behavior of a non-transfor-
ming ceramics by considering grain bridging and pul-
ling-out as the prrnary toughening mechanisms. Fol-
lowing their approach, we here estimate a rough out-
line of R- curve behavior for a monolithic Al,O; po-
lycrystalline. Similarly to their case study on an AlO,,
2.5 MPam'? is taken for the grain boundary fracture
toughness. Assuming that the grain size is 2 pm which
is a nommal grain size of the most common ALO;-8iC
nanocomposite, and that the grain boundary residual
traction caused by crystallographic anisotropy of indivi-
dual grains is 100 MPa* the initial toughness without
the effects of grain bridging and pulling-out can be es-
timated to be 2.3 MPam'”. The shielding zone length
and platean toughness also can be determined as about
300 um and 3.3 MPam'?, respectively. This indicates
that the fracture resistance increases from 2.3 to 3.3
MPam'” over a 300 um crack extension.

The fracture resistance curves (R-curves) for these

two cases are compared schematically in Fig. 13,

-
Po-

‘Namqoigpa. OMone.

Nanocomposite

Fracture Resisiance

Monolith

Initial’Fla. w Size Square-Root of Crack Extension

Fig. 13. Schematic of fracture resistance curves of the
ALQ:-8iC nanocomposite and monolithic ALO; poly-
crystal. Toughening of the monolith, being due to
grain bridging and pulling-out, microcracking, etc., re-
quires about 300 pm crack extension. The particle
bridging operates inside a grain in the nanocomposite,
the fracture resistance steeply rises in the 200-300 nm
crack extension.
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where the crack extension is plotted to the right and
the initial crack length is to the left in the abscissa,
with the energy release rate in the ordinate. It is as-
sumed that the Al,0./SiC nanocomposite contains an
initial crack with the same size as that of the monol-
ithic Al,O,;. Consider a penny-like crack in mode I
loading as a fracture mechanics model. Supposing
that the fracture strength of the monolithic A1,Q; is
500 MPa and the toughness is 2.5 MPam'~, the ra-
dius of the crack can be given as 20 wm, which is
taken as the initial crack length. (The same initial
crack length is assumed for the two materials, though
it might be limited by the dispersed particles in the
nanocomposite.) The strength can be determined by
the slope of the tangent line from the initial crack
length to the respective rising R-curves. For the case
of the monolithic Al,O,, the R-curve behavior has
made little contribution on catastrophic fracture, since
a crack extension of a few hundred microns is re-
quired to obtain a substantial increase of fracture
resistance. Note that a value measured in general frac-
ture toughness tests, where a crack longer than sev-
eral hundred microns is normally employed, is the
plateau toughness after a sufficient crack cxtension.
On the contrary, the steep rise of fracture resistance
m the nanocomposite, should lead to an increase in
the catastrophic failure strength. In other words,
strength and toughness are compatible in this case.
Another benefit brought by the steep R-curve is
that the strength distribution can be narrower result-
ing in a higher Weibull modulus. It is well known
that, if the flaws involved in strength determination
exhibit rising R-curve behavior, the Weibull modulus
substantially increases.” ™ In actuality, the markedly
improved Weibull modulus has been reported for an
Al,0,-SiC nanocompositc.w In summary, although
the difference of the plateau [fracture toughness is
small between an Al,O;-SiC nanocomposite and mon-
olithic Al,Q,, the large difference exists in the R-
curve behavior within a short crack-extension range,
which controls the fracture strength. This difference

can clearly interpret the observation in the ALO./SIC
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nanocomposite; the addition of SiC nano-sized par-
ticles causes the vast increase in the strength and

modest increase in the toughness.

4.3. Flow stress and dislocation interaction

In general, fracture may be initiated either at a
flaw present before stressing, or at a flaw produced
during stressing, i.e. initiated by dislocation motion.
The original flaw sizes have been determined for
each surface condition and the stress for their exten-
sion can be calculated, provided that the appropriate
v; values are known., A comparison of this stress with
the measured surface and flow stresses enables the
particular crack initiation mechanism to be identified.

The fracture strength increases with decreasing
grain size both for monolithic MgO and MgO-SiC
nanocomposites but the strength of the latter is sub-
stantially higher (Fig. 14). For the monolithic MgO,
the fracture strength extrapolates to the flow stress at
infinite grain size. This suggests strongly that fracture
in this material is initiated from flaws produced by
plastic flow. The fracture strength for MgO-SiC nano-
composites is several times higher than the flow stress,
G, a same fracture initiation process must be operating.

The fracture strength (o) of MgO based ceramics

will be given by the following functions’ " ;

co+k/d” 1)

800 T T T T
600} I

400"c,, et ‘

200 f/%T J

o] O MgO
0 QO MgO/5vol%SiC

00 62 064 06 0.8
Grain size (d'?)

Fig. 14. Grain size dependence of fracture strength for
monolithic MgO and MgO-SiC nanocomposites.

Fracture strength (MPa)

where gy is the lattice friction stress for slip and in-
dependent of grain-size, and d is the grain or cell
size controlling the slip band length.

A mechanism which can contribute to the streng-
thening of this composite system, is the increase of
flow stress so caused by the dispersion of finer SiC
particles within the MgO matrix grains. The bending
strength as a function of grain size on d™” axis is
plotted in Fig. 14 for monolithic MgO and MgO-
5 vol%SiC nanocomposites. The fracture stress de-
creases with an increase in grain size and a linear re-
lationship extrapolating to 150 MPa at infinite grain
size is obtained. This suggests that the fracture is in-
itiated from flaws produced by plastic flow as re-
ported by Evans et al.* This value is almost same as
reported value (180 MPa). They also investigated the
flow stress of MgQ with a higher concentration im-
purity within the grains using the indentation wing
technique.®” They found that the MgO material con-
taining impurities exhibited higher flow stress than
that for fully dense and pure MgQO material. A sim-
ilar increase in flow stress must be expected for the
MgO-SiC nanocomposites, and a linear relationship
extrapolating to about 400 MPa at infinite grain size
is obtained for MgO-SiC nanocomposites.

When a moving dislocation encounters inclusions
it will not, in general, be able to cut through them be-
cause the inclusions are generally stronger than the
matrix. Consequently, the dislocation will have to
bow between the inclusions and around them, lcav-
ing a dislocation loop around the particle, The stress

required for this process is approximately.él)

1,=0.84 - pb/l @)

where [ is the distance of closest approach between
the particles: i.e. the bowing of the dislocation bet-
ween the dispersions is exactly analogous of the dislo-
cation segment. When fine dispersions are present,
very large stresses must be applied before dislocation
motion can occur, and the material exhibits a high
strength.

The presence of SiC particles in MgO provides
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Fig. 15. Ilustration of the spacing between the par-
ticles and particle size.

dispersion strengthening through the wmechanism of
direct dislocation-particle interactions. The spacing
between the SiC particles in the slip plane can be
computed with reference to the accompanying Fig.
15. The flow stress of pure polycrystalline MgO is o,
=180 MPa. The flow stress of 5 vol%SiC dispersed
composite in the form of inclusion would be esti-
mated. For MgQ, shear modulus p=130 GPa and
Burgers vector b=0.420 nm.

Particle volume fraction=area fraction:(ndﬁ AyE (3)
Goc=0y+21,=0,+2 - (.84 - Wb/l (4)

From theses equations, the flow stress, G, of
MgOQ-SiC nanocomposites is about 390 MPa, and
this value is similar to the fracture stress extrapolated
value of about 400 MPa at infinite grain size. This
suggests strongly that fracture in this materia) as well
as monolithic MgO is initiated from flaws produced
by plastic flow. Then the drastic increase in fracture
strength for the “MgO-SiC nanocomposites” could
be due to the increase in the flow stress by the finer/
intragranular SiC _dispersion. It is considered, there-
fore, that the gfain boundary fracture induced by
dislocation flow inhibited by the finer/intragranular
SiC dispersion, which, in turn, induces the intragra-
nular crack propagation. The propagated crack react-
ed with dislocation which existed within MgO grains
and/or generated by dislocation. As a toughening
mechanism of MgO-8iC nanocomposite system, there-
fore, the plastic deformation by dislocation in the
crack tip when crack propagated is considered.™ In
addition, stress induced microcracking as a toughen-

ing also observed.
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5. Formation of dislocation and/or
sub grain boundary

In peneral, when an effective elastic stress exceeds
the yield stress of a material, the material will un-
dergo plastic deformation, such as dislocation, dislo-
cation network, and sub-grain boundary, rather than
remain in a purely elastic state. For mathematical sim-
plicity, additional assumptions are made for the
model on the plastic behavior of the matrix. We as-
sume that the flow stress-strain behavior of the ma-
trix phase is independent of the strain rate and also
of the stress orientation. We adopt the Von Misess
yielding criterion,™ namely that yielding occurs when
an equivalent stress ¢, exceeds the yield stress 6,,

where s is given by
0=GgyCr; )]

Substitution of the tangential stress, Gy and radial
stress, 6,,, into Eq. (5) yields 6,=(3/2) P; (R/r)’ in the
purely elastic state. Therefore, yielding will start at
the matrix/particle interface when the stress Py
reaches the critical value 2 o/3. As the internal
stress P, increases beyond the critical value, a plastic
zone develops adjacent to the matrix/particle interface.
The deformation of o-Al;O; has been studied under
hydrostatic confining pressure at temperatures below
the brittle to ductile transition tcmperature.m) The tem-
perature dependence of the critical reserved shear
stress (Te,,) for both basal slip and prism plane slip
over a large termperature range can be described by a

simple logarithmic law,
In T =In Ty-BT (6)

where 1, is the flow stress at 0 K, and B is constant,
and both T, and B are lower for prismatic slip than
for basal slip, making prismatic slip the easy slip sys-

*) The stress re-

tem below 6007, as shown in ref.
laxation becomes less active in pure AlLO; as well as
composite system as temperature decreases, when the
driving forces (e. g. applied stress or residual stress

due to the thermal expansion mismatch) are constant.
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And though residual stress due to the themmal ex-
pansion mismatch exists in the composites, when the
internal stress P, does not exceed the critical value
for yield stress, a plastic zone cannot develop ad-
jacent to the matrix/particle interface. Therefore, the
relationship between the internal stress P; and resi-
dual stress must be discussed, where the yield stress
and internal stress strongly depend upon the tem-
perature. If the matrix is elastic, the stress in the
spherical inclusion is hydrostatic and is given by int-
emal stress, P, Applying the data of Al,0, for matrix
and those of SiC for inclusion into P;, we obtain

P=1.287AT ©)

It shows that one-degree decrease in temperature
will induce a compressive stress of about 1.3 MPa
for Al,05-8iC system, provided the matrix is the el-
astic limit, Cormrespondingly, the stress in the matrix
can be cxpressed as eq. (8). Obviously, a decrcase in
temperature will induce a tensile stress in the matrix.
The residual average microstresses also can be cal-
culated from these internal stresses (P;). The average

microstresses in second phase, 0, are given by
Op=1.287(1£) AT (8)

If we suppose that residual stress completely rel-
axes to a) 1,0007C (relaxed temperature by grain boun-

1
dary diffusion®*”

which is main relaxation mechan-
ism of Al,O; monolith and microcomposites), b) 1,400
‘C (relaxed temperature by lattice/grain boundary dif-
fusion which is main relaxation mechanism of nano-
composites), and c¢) 1,700°C (fabrication tempera-
ture: This means that nothing is relaxed), from fa-
brication temperature, the temperature dependence of
internal stress and yield stress for different relaxation
temperatures on Al.O3-8iC composite systems was
obtained as shown in Fig. 16.

Fig. 16 shows the variance of equivalent and yield
stresses with temperature which depend on SiC volume
fraction and slip system, when residual stresses relax to
(2) 1,000, (h) 1,400 and (c) 1,7007C, respectively.

The dislocation movement will start at the matrix/
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Fig. 16. Variance of equivalent and yield stress with
temperature which depend on SiC volume fraction and
slip system, when residual stress relax to (a) 1,000°C,
(b) 1,400 °C and (c) 1,700 "C.

particle interface when the stress 3/2 P, reaches the
yield stress ©,. As the stress 3/2 P, increases beyond
the yield stress, a plastic deformation develops ad-
jacent to the matrix/particle interface, extending to a

radius depending upon the magnitude of P When
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the complete relaxation occurs to 1,000C (correspon-
ding to Al,O; monolith and microcomposites), the
plastic deformation by the dislocation generation can
not occur in prismatic slip and basal slip systems, be-
cause the residual stress term, 3/2 P; due to thermal
mismatch is lower than the yield stress for the easiest
slip system in AlO, over the whole temperature
range as calculated in Fig. 16(a). Otherwise, if the
complete rclaxation occurs to 1,400°C (corresponding
to the nanocomposites and Fig. 16(b)), the plastic de-
formation by the dislocation generation can occur in
prism plane slip and basal slip systems. Especially,
for prism plane slip, the residual stress relaxation by
the dislocation generation and movement reaches up
to 500C. It is worth to note that if the temperature
for complete relaxation is higher, the relaxation by
dislocation generation and movement continue to low-
er temperature. These results coincided that the high-
er internal stresses generated, during cooling down
from stopping temperatures for the stress relaxation
by lattice diffusion and the depressed diffusion in the
matrix/second phase, induced the formation of dislo-
cation both prism plane and basal plane for Al,O,-
SiC nanocomposite systcm.n) Also, these consequen-
ces well explained the microstructure of nanocompo-
sites. This plastic deformation within the matrix grain
due to residual stresses also was observed in MgO-

$iC nanocomposite system.”

6. Remarks

The incorporation of nano-sized SiC particle into
Al,O; or MgO materials leads to a significant im-
provement in fracture strength and toughness and
parallels the action of this type of SiC in improving
other mechanical properties such as creep resistance,
high temperature strength, and so on. Although grain
size/critical flaw size is the single most important
parameter in determining the strength at room- tem-
perature of polycrystalline oxide materials, the pres-
ence of nano-phase SiC has (at equivalent grain size)

a significant additional beneficial effect as a toughen-
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ing mechanism.

This review hag revealed that the deagglomeration
and homogeneity process of SiC nano-sized particles
as well as oxide materials for the basic conventional
processing route for AlLQ;-SiC and MgO-SiC nano-
composite system, and the improvement of the me-
chanical properties could be rationalized by the fol-
lowing roles of the nano-size SiC particles dispersed
within the matrix grains.

(1) The nano-size SiC particles restrain the grain
growth of matrix and decrcase the abnormal grain
growth.,

(2) The highly localized stresses within and/or
around the SiC particles, which is produced from the
thermal expansion mismatch between matrix and SiC,
generate the dislocation during cooling from the fa-
brication temperatures. The nano-size SiC particles
pin and pile-up the dislocations to make sub-grain
boundaries within the matrix grains, which occur the
refinement of matrix grains for strengthening.

(3) The localized tensile stress around the nano-
size SiC particles induces the transgranular fracture,
and then the toughening occurs due to the crack tip
shielding by the SiC particles. The high temperature
mechanical properties are also improved by the change
of fracture mode, because the grain boundary effects
on the high temperature mechanical properties are di-

minished.

The most interesting system for industrial applica-
tion appears to be oxide based nanocomposites. It
has been demonstrated that conventional powder pro-
cessing in an aqueous medium, slip casting and pres-
sureless sintering represents a promising processing
route for nanocomposites. Howcvcr,‘ improved stren-
gths have not been reported for pressureless sintered
nanocomposites. The reason may be the higher poros-
ity. These problems have been solved by applying
the post-HIPing technique.””

Applying the concept of nanocomposites, several
applications could be possible. The examples are

functional nano-sized ceramic dispersed ceramic bas-
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ed nanocomposite,
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” nano-sized metal dispersed

24-28)

ramic based nanocomposite, nano-sized ceram-

particle dispersed metal based nanocomposite,”

nano-sized ceramic dispersed nano-sized ceramic bas-

ed nanocompositc,m and so on, which is to develop

the multi-functional materials.
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